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Abstract

Ferritic alloys represent a technologically important class of candidate materials for fusion first wall and blanket
structures. A detailed understanding of the mechanisms of defect accumulation and microstructure evolution, and the
corresponding effects on mechanical properties is required to predict their in-service structural performance limits. The
physical processes involved in radiation damage, and its effects on mechanical properties, are inherently multiscale and
hierarchical, spanning length and time scales from the atomic nucleus to meters and picosecond to decades. In this
paper, we present a multiscale modeling methodology to describe radiation effects within the fusion energy environ-
ment. Selected results from atomic scale investigation are presented, focusing on (i) the mechanisms of self-interstitial
dislocation loop formation with Burgers vector of a(1 00) in iron relative to vanadium, (ii) helium transport and (iii) the
interaction between helium and small self-interstitial clusters in iron, and (iv) dislocation-helium bubble interactions in

fce aluminum.
© 2004 Elsevier B.V. All rights reserved.

1. Introduction

Fusion power plant first wall and blanket systems
arguably represent the single greatest structural materi-
als challenge of all time. Even moderate performance
goals will place totally unprecedented and unexplored
demands on materials and structures. Exposure to high-
energy radiation severely damages the microstructure of
materials by violently displacing atoms from their lattice
sites many times and creating damaging concentrations
of helium and hydrogen. The resulting microstructural
and damage evolutions cause profound macroscopic
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property changes that severely degrade the performance
and lifetime limits of first wall components [1-4].

The effect of irradiation on materials microstructure
and properties is a classic example of an inherently
multiscale phenomenon. Pertinent processes range from
the atomic nucleus to structural component length
scales, spanning in excess of 10 orders of magnitude,
while time scales bridge more than 22 orders of magni-
tude [5]. Further, a wide range of variables controls the
mix of nano/microstructural features formed, and the
corresponding degradation of physical and mechanical
properties. The most important variables include the
initial material microstructure, the thermal mechanical
loads and irradiation history. Yet, radiation damage is
the overarching concern for first wall and breeding
blanket structures [2].

At the smallest scales, radiation damage is continu-
ally initiated with the formation of energetic primary
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knock-on atoms through collisions between high-energy
neutrons and lattice atoms. Concurrently, high concen-
trations of insoluble helium and hydrogen gas are gen-
erated in (n,0) and (n,p) neutron capture reactions,
which have threshold energies above several MeV, hence
are not normally produced in high quantities in fission
neutron irradiations [6]. The primary knock-on atoms,
as well as recoiling transmutant nuclei quickly lose
kinetic energy through a chain of atomic collision dis-
placements, generating a displacement cascade of va-
cancy and self-interstitial defects, in addition to
electronic excitations. High-energy displacement cas-
cades evolve over very short times, 100 picoseconds or
less, and small volumes, with characteristic length scales
of 50 nm or less, and are directly amenable to molecular
dynamics (MD) simulations [7-9]. The physics of pri-
mary damage production in high-energy displacement
cascades has been extensively studied with MD simula-
tions and described in a number of excellent review
articles [7-9]. The key conclusions from cascade studies
are that (i) intra-cascade recombination of vacancies and
self-interstitial atoms (SIAs) results in ~30% of the de-
fect production expected from simple primary displace-
ment theory, (ii) many-body collision effects produce a
spatial correlation (separation) of the vacancy and SIA
defects, (iii) substantial clustering of the SIAs and to a
lesser extent, the vacancies occurs within the cascade
volume, and (iv) high-energy displacement cascades tend
to break up into lobes, or sub-cascades which may also
enhance recombination [8,9].

Nevertheless, it is the diffusional transport and evo-
lution of the defects produced in displacement cascades,
in addition to solutes and transmutant impurities, that
ultimately dictates radiation damage accumulation and
changes in materials microstructure at nanometer/
micrometer length scales. The evolution of local chem-
istry and structure at these scales is responsible for
changes in physical and mechanical properties [10-12].
Spatial and temporal correlations associated with the
displacement cascades continue to play an important
role over much larger scales, as do processes including
defect recombination, clustering, migration, and gas and
solute diffusion and trapping. Over such length and time
scales, it is the time and temperature kinetics of diffusive
and reactive processes, both within (cascade aging) and
outside (long range migration) that govern micro/
nanostructural evolution, albeit strongly influenced by
the underlying sink structure of the microstructure and
the continual production of new radiation damage.

While many of the controlling radiation damage
processes and kinetics are known, quantitative details
regarding the interactions amongst evolving species and
indeed, even the transport, trapping/de-trapping and
annihilation mechanisms of small defect-impurity clus-
ters remain to be established. Fortunately, recent inno-
vations in computational modeling, coupled with

increasingly powerful high-performance computing and
improved experimental tools, provide a basis to develop
validated multiscale models of fusion materials perfor-
mance. However, it is important to note that the com-
plexity of modern engineering materials and multiple
degradation processes occurring in the severe fusion
environment makes this a tremendous long-term chal-
lenge, certainly on par with simulating a burning fusion
plasma.

The next section describes a hierarchical multiscale
modeling approach to simulating fusion materials per-
formance. The remainder of the paper presents selected
results from atomic scale investigations of defect trans-
port and evolution, namely (i) the mechanisms govern-
ing the formation of self-interstitial dislocation loops
with Burgers vector of a{l100) in ferritic relative to
vanadium alloys, (ii) the atomistic mechanisms of He
transport and (iii) the interaction of helium with small
SIA clusters in iron. Finally, before summarizing the
article, we address the use of atomistic simulations to
provide insight into radiation hardening by describing
the interaction between moving edge dislocations with
helium bubbles in fcc aluminum.

2. Multiscale modeling approach

Fig. 1 provides a schematic view of a multiscale
modeling approach that integrates experimental and
computational techniques to investigate materials deg-
radation in the fusion environment. This approach is
hierarchical and based on passing information or
parameters, and connecting key mechanisms, starting
from the electronic/atomic up to structural length and
time scales. Fig. 1 illustrates a range of simulation and
experimental techniques used throughout both the US
and international fusion materials research programs,
although the focus of this particular paper is on atomic-
scale modeling.

The modeling methodology illustrated in Fig. 1 in-
cludes ab initio electronic structure calculations,
molecular dynamics (MD), kinetic Monte Carlo
(KMO), field equations or rate theory simulations with
thermodynamics and kinetics by passing information
about the controlling physical mechanisms between
modeling techniques over the relevant length and time
scales. The key objective of such an approach is to track
the fate of solutes, impurities and defects during irradi-
ation and thereby, to predict microstructural evolution.
Detailed microstructural information serves as a basis
for modeling the mechanical behavior through meso
(represented by kinetic Monte Carlo and 3D dislocation
dynamics) and continuum scale models, which must be
incorporated into deformation and fracture mechanics
models at the continuum finite element modeling scale to
predict failure limits on both the test coupon and com-
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Fig. 1. Illustration of an integrated experimental and computational approach to the multiscale investigation of materials behavior in
the fusion environment. The central part of the figure describes an hierarchical approach based on passing information or parameters,
and connecting key mechanisms (denoted by arrows), starting from the electronic/atomic up to structural length and time scales. A
number of microstructural characterization techniques important for validating model predictions are represented on the lower right
side, including the techniques of positron annihilation spectroscopy (PAS), small angle neutron scattering (SANS) and transmission
electron microscopy (TEM). The upper left side of the diagram represents experimental techniques to measure mechanical properties.

ponent scale [13]. In this figure, individual modeling
techniques are identified within a series of linked process
circles, which also shows the overlap of relevant length
and timescales. The passing of information between the
scales is represented through a series of arrows. While
not explicitly discussed in this paper, the availability and
accuracy of interatomic potentials, including those for
multicomponent alloys, represent a major issue in multi-
scale modeling, especially in the use of atomistic mod-
eling techniques like MD and KMC. The impact of
potential uncertainties varies with the modeling task, but
emphasizes the importance of comparing results
amongst modeling techniques and experiments for self-
consistency and validation.

Of course, multiscale modeling by itself is insufficient
to fully predict the performance of complicated engi-
neered structures in the fusion environment, and a sci-
ence-based multiscale paradigm necessitates a close
integration between experiments and modeling. Fig. 1
also illustrates a select set of experimental techniques
commonly used in fusion materials research to charac-
terize microstructures and determine mechanical prop-
erties. The lower right side of the figure represents the

microstructural characterization techniques of small
angle scattering, positron annihilation and transmission
electron microscopy (TEM). The upper left side of the
figure represents techniques commonly used for evalu-
ating the mechanical behavior of irradiated engineering
materials, including tensile and creep testing, and dis-
location structure characterization by TEM and micro-
diffraction techniques. Of particular importance for
comparing experiment and simulation results is the
increasing application of in-situ studies [14].

3. Self-interstitial dislocation loops in Fe and V alloys

It is well established that TEM examination of fer-
ritic alloys following low dose, intermediate temperature
irradiation (<0.05 displacement per atom, dpa, at 300
°C) by neutrons or heavy ions does not reveal any visible
damage. However, as the irradiation dose increases
above ~0.05 dpa, a significant population of dislocation
loops, primarily of interstitial type, is experimentally
observed with b =a(100) and b =a/2(111). The dis-
tribution of loop Burger’s vectors observed ranges from
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almost equal proportions to predominantly a(100) in
some cases, rather than the expected and lowest energy
b =a/2(111). While this result has been known for
nearly 40 years [15-17], the mechanisms responsible for
the presence of (1 00) loops in ferritic alloys has not been
established until recently [18].

In contrast to ferritic alloys, fewer studies have been
performed to characterize the Burger’s vector of dislo-
cation loops formed in irradiated vanadium alloys, and
the resulting microstructural trends are less clear. Dif-
ferent research groups have reported loops with one or
more of the following Burger’s vectors, a/2(111),
a(100) and even those of a/2(1 10) faulted loops. Rice
and Zinkle observe that following neutron irradiation in
a V-4Cr-4Ti alloy, the dislocation loops are a/2(110)
type at low temperature, but transition to a/2(111) at
high temperature [19]. Other observations indicate that
the loops are all of a/2(111) type [20]. Matsui and co-
workers observe both perfect loop types, with about
50% a{100) and 50% a/2(111) in pure vanadium, and
varying mixtures of a(100) and a/2(111) Burger’s
vectors in vanadium alloys, depending on the atomic size
of alloying elements [21].

A mechanism to explain the formation and growth of
(100) loops in a-Fe has recently been proposed [18] and
will be briefly summarized here within the context of
comparing vanadium to iron. Experiments performed in
Fe and Mo in the early 1960’s showed the formation of
hexagonal dislocation networks composed of (11 1) and
(100) dislocation segments. The (1 00) segments were
presumed to form as a result of interactions, according
to the reaction [15,18]:

1 1
S+ 5 [1T] — [100]. (1)

In 1965, Masters recognized that the reaction in Eq. (1)
could rationalize the observation of (1 00) loops in thin-
film ion irradiation studies [15]; however, he discounted
this possibility since %(1 11) loops were not observed in
his studies. Yet, it is now recognized that not only are
such loops directly produced in displacement cascades,
but that they also exhibit a very high mobility for one-
dimensional motion defined by the (11 1) glide cylinder
[8,9].

Fig. 2 presents the results of MD simulations, per-
formed using Finnis-Sinclair N-body potentials, to
determine the self-energy of a/2(111) and a(100) SIA
dislocation loops in a-Fe and V. As expected from
continuum elasticity theory, the loops with a{1 00) have
a higher self-energy than L1 11) in both cases. However,
the difference in energy is much smaller in o-Fe than
expected, raising the possibility of the formation and
existence of metastable a{1 00) loops.

MD simulations of interactions (collisions) between
STA dislocation loops reveal that junctions of a{100)
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Fig. 2. Self-energy of self-interstitial atom dislocation loops of
Burgers vector a/2(111) (blue) and a(1 00) (black) in (a) iron
and (b) vanadium. The data points are computer simulation
results and the line is a fit to the continuum elasticity energy
expression.

type do form in both V and a-Fe consistent with Eq. (1).
The necessary conditions for (1 00) junction formation
for the reactor described in Eq. (1) are that both inter-
acting clusters are approximately the same size, are
larger than ~20 SIAs, and, possibly, have the same
shape [18]. When these conditions are not met, the
smaller cluster always rotates into the (1 1 1) orientation
of the larger cluster in both iron and vanadium [18,22].

While (100) junctions are predicted to form in both
vanadium and iron, the junction stability is very differ-
ent in the two cases, and we believe this may control the
differences in observed dislocation loop populations. In
vanadium, the junctions are thermally unstable and the
final configuration observed in MD simulations at
temperatures between 400 and 700 K is a single (111)
loop. In contrast, the junction in iron is thermally (meta-)
stable and can propagate across the loop through a
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complicated two-step mechanism described by Marian
and co-workers [18].

The conclusion from these computer simulations is
that a(100) loops can form and grow in iron, likely in
conjunction with a population of interacting a/2(111)
loops [18,23]. However, in vanadium, the a/2(111)
loops predominate, due to the instability of the a(100)
junctions. It is possible that the underlying cause of the
different junction stability is related to corresponding
differences of the single self-interstitial atom [24], al-
though that remains to be determined.

4. Atomistics of He diffusion

One of the key challenges facing the development of
high performance, long-lived fusion materials is man-
aging the high level of helium generated in first wall and
blanket structures. It is believed that helium from (n,o)
reactions initially resides in interstitial sites and is very
mobile. MD studies recently performed by Morishita
and co-workers, with improved interatomic potentials,
have determined an activation energy of 0.08 eV for
interstitial He migration in a-Fe [25]. However, helium is
deeply trapped in vacancies, and then behaves similar to
a substitutional solute [26]. A helium-vacancy binding
energy of 3.7 eV has been determined from these same
MD simulations [25]. Strong binding of helium atoms
with dislocations and grain boundaries has also been
calculated by other groups with the same potentials [27].
Thus diffusion of substitutional helium (trapped at a
vacancy), occurs via a vacancy mechanism. We have
used these same set of potentials in MD simulations to
investigate the properties and diffusion of substitutional
helium, within the framework of the multiple jump fre-
quency analysis proposed by Le Claire [28].

Notably, substitutional helium interacts more
strongly with neighboring vacancies than, for example, a

3rd NN Fe to 1st NN vacancy exchange (o)

typical oversized solute like copper, with binding ener-
gies of 0.46 and 0.19 eV with first and second nearest
neighbor vacancies, respectively. He exchanges rapidly
between the two neighboring vacant sites in a nearly
(111) trajectory at a frequency w,. The position of the
helium atom within the di-vacancy is delocalized, with a
preferred symmetrical location in lattice units of (0.11,
0.11, 0.11) or (0.39, 0.39, 0.39), rather than the vacant
lattice sites at (0, 0, 0) and (0.5, 0.5, 0.5). The saddle
point activation energy for exchanges between the two
preferred locations is just 0.015 eV.

Hence, the diffusion of helium in the bce crystal
structure is governed by the jumps of vacancies to and
from neighboring lattice sites, and not the direct near-
est neighbor exchange [28]. The most important jumps
are from the first nearest to the third nearest and sec-
ond nearest neighbor positions, respectively at fre-
quencies of @} and ws. Fig. 3 shows the energy barriers
for o) and w; vacancy-Fe lattice atom exchanges cal-
culated by molecular statics (MS), with activation
energies of 1.1 and 1.13 eV, respectively. As a reference,
the MS calculations give a value of 0.85 eV for the
activation energy of an iron atom jumping into a
nearest neighbor vacancy in a pure Fe lattice, which
also occurs along a (111) trajectory. The solute
impurity diffusion is calculated in the Le Claire model
as:

) Sv.f Ev.f _ Eb,Hc—v
Due = d* fiaes €xp ( A ) exp ( —%),

(2a)

where fy. is the correlation factor for He diffusion given
by

fite = —+ (2b)

wy+u’
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Fig. 3. Calculated activation energies for iron—vacancy exchanges of (a) 3rd to 1st nearest neighbor and (b) 2nd to 1st nearest neighbor
in the vicinity of a substitutional He atom.
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In these equations, d is the nearest neighbor spacing
(v/3/2 x 0.287 nm), G* is the free energy of isolated
vacancy formation=E"" (1.71 eV)-TIS" (~1-1.5 k),
EPHe=v is the first nearest neighbor vacancy-helium
binding (0.46 eV) and f; = w3 /wy. Assuming that w; =
U,€Xp(S¥™ /k)exp(—AE;/kT) with v, =103 s~! and S¥™ ~
1-1.5k, S(= S¥F + §%™) ~ 2-3k, and exp(S/k) =~ 10[29],
yields Dy, = 1.6 x 1073 exp (-2.35/kT) m?/s.

The effective activation energy of 2.35 eV for thermal
helium diffusion can be understood as follows. The acti-
vation energy for helium—nearest neighbor vacancy ex-
change is very low (AE, = 0.015 eV), thus w, > u and
Sfue = u/w,. Similar jump frequencies for first to third and
first to second nearest neighbor positions (wy and s,
respectively), the definition of § and its average value of
0.5£0.2 over the temperature range of 200-1000 °C, give
u ~ 2.1w;, and thus, fy. ~ 2.1wsy /w,. This leads to the
following approximation for thermal helium diffusion

Ev,f AE+ — Eb,He—v)
Dy zZ.ldzvoexp(%)exp (—( i k3T )

(3)

which gives a pre-factor of 1.3x 107> m?/s and an acti-
vation energy of 2.35 eV (=1.71+1.1-0.46 eV), close
to the full numerical solution. Notably, neither the
temperature effects or the quantitative values associated
with the vacancy formation and migration entropy, nor
magnetic effects below the Curie temperature, are in-
cluded in Egs. (2) and (3), but these factors will be as-
sessed in the future.

Additionally, our MS calculations have shown that
substitutional helium can directly exchange with a sec-
ond nearest neighbor vacancy, along a trajectory close
to (100), with an activation energy of 0.66 eV [30].
Similar behavior was observed in earlier computational
studies of helium diffusion in molybdenum [31]. How-
ever, solute atom exchanges with second nearest neigh-
bor vacancies are not currently included in Le Claire’s
model [28]. The implications of direct second nearest
neighbor exchanges to helium diffusion are currently
being assessed by Monte Carlo methods and will be
reported in a future publication.

5. He-SIA interactions in a-Fe

We have performed MD simulations of the interac-
tions of helium with both STA and SIA clusters. An
example is given in Fig. 4, which shows MD snapshots
of the interaction between an individual self-interstitial
atom in Fe and two neighboring helium substitutional
atoms at 600 K. Initially, the SIA is 1.3 nm away from
the He atom that is furthest to the right. Over several

picoseconds, the SIA migrates three-dimensionally, with
multiple changes of direction (orientation), towards the
nearest helium atom and by Fig. 4(b), is about 0.6 nm
away. This is followed by a rapid and spontaneous
recombination-replacement reaction as the SIA enters
the vacant lattice site, thereby ejecting the helium atom
from a substitutional to an interstitial position. Of
course, it is known a priori that the reaction is ener-
getically favorable, since the SIA—vacancy Frenkel pair
formation energy of about 6.5 eV is larger than the
interstitial helium energy of 5.25 eV. The simulation
reveals a long-range interaction between the SIA and
substitutional helium; however the effective recombina-
tion-replacement radius remains to be quantified. The
ejected interstitial helium subsequently diffused rapidly
until it encountered the nearby substitutional helium,
forming a trapped complex that did not migrate over an
additional 40 ps at 600 K. The strong interstitial helium
trapping at the He2V1 complex is notable, although the
dissociation and migration mechanisms and energies of
such complexes remain to be determined.

MD simulations have also been performed between
400 and 1000 K to determine the interaction between
substitutional He atoms and one-dimensionally migrat-
ing SIA clusters containing between m = 6 and 20 SIAs.
The results indicate a wide range of possible interactions,
including SIA/V recombination and He recombination-
replacement reaction producing a strongly bound m — 1
SIA-He cluster complex that is immobile over MD times
of order 100 ps, the normative time associated with rapid
(111) migration of pure STA clusters. SIA-He cluster
complex formation was observed for both interstitial and
substitutional helium, although the interactions are
stronger in the former case. MS calculations of 6 SIA—
interstitial He cluster complex reveal a binding energy of
1.5 eV, which indicates that such a complex would be
strongly trapped even up to high temperature.

Many open questions remain regarding the interac-
tion between SIA and SIA clusters and helium, including
site-dependent manifolds of trapping/binding energies as
a function of cluster size and the mobility and migration
mechanisms of SIA-He clusters. The results presented
here are an initial step towards cataloging and quanti-
fying a wide range of mechanisms and parameters that
are needed in microstructural evolution models. Key
phenomena are currently being modeled, including the
interaction between SIA loops and helium bubbles along
with helium trapping, migration and clustering reactions
at precipitate interfaces, dislocations and grain bound-
aries, and will be reported in the future.

6. Dislocation — He bubble interactions

Following irradiation at low to intermediate tem-
peratures, metallic materials exhibit an increase in yield
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Fig. 4. MD simulations showing the interaction between a self-interstitial atom (two green circles) with two substitutional helium
atoms (light blue circles) in iron at 600 K. The SIA migrates towards the nearest helium atom, where it recombines with the vacancy,
ejecting the helium to an interstitial position. The interstitial helium atom migrates three-dimensionally until it encounters and traps at

the other substitutional helium atom in a He,V; complex.

and ultimate strength, along with a decrease in uniform
and total failure strains and strain hardening rate [32—
34]. Irradiation hardening is primarily due to the for-
mation of fine scale microstructural features that act as
obstacles to dislocation slip. While bubbles are observed
in materials at sufficiently high helium concentrations
that depend on the irradiation temperature, their role in
hardening remains to be resolved.

MD simulations are an ideal tool to investigate such
deformation phenomena since they directly account for
dislocation core and non-linear effects not treated within
elastic theory and provide atomistic information
regarding the mechanisms and sequence-of-events in
dislocation—obstacle interactions. As an illustration of
the power of MD simulations, we present an example of
the interaction between an edge dislocation and an
under-pressurized, 2.6 nm diameter helium bubble.
Further details regarding the use of MD for simulating
dislocation—obstacles interactions are published else-
where [35-38].

Fig. 5 shows MD simulations of the interaction in Al
between a dissociated edge dislocation, separated into
two Shockley partial dislocations, and an under-pres-
surized He bubble in Al. The dislocation bypass mech-
anism involves the successive shearing of the bubble by
one Burger’s vector with each passage of a dislocation.
At the atomic scale, each partial dislocation segment
locally annihilates at the leading surface of the bubble

&

(b) . (c)

*

!

Fig. 5. MD simulation snapshots of the interaction between an
edge dislocation and a 1.3 nm radius helium bubble in alumi-
num with an applied shear stress of 100 MPa at 100 K. (a) The
configuration of the dislocation core (blue circles) as it bypasses
the helium bubble (red circles) the first time. Edge on perspec-
tives of the He bubble are shown following the passage of (b)
two and (c) six dislocations. Red and blue circles denote atoms
below and above the dislocation glide plane, respectively. Note
that successive dislocation interactions remove some helium
from the bubble.
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and re-nucleates on the trailing surface as it breaks away
from the obstacle. Although not observed in these sim-
ulations, over longer times the high surface diffusivity at
the solid—vapor interface can heal the sheared bubble.

In addition to revealing the interaction mechanism, it
is important to characterize the obstacle strength.
Unfortunately, intrinsically high strain rate MD simu-
lations generally underestimate the critical bypass angle
and thus over estimate the obstacle strength [37]. To
more accurately determine the critical stress, a series of
MD simulations were performed in which the applied
shear stress was decreased from 100 MPa to determine
the stress needed to bypass the periodic array of 2.6 nm
diameter cavities, with a range of helium pressures, and
an obstacle spacing of 30 nm. For a void containing no
helium, the critical stress in the MD simulations is ~25
MPa, which corresponds to an obstacle strength, o = 0.1
by comparing to the expression

0.80Gb
crss — P 4
L @

where A is the obstacle spacing, b is the Burger’s vector
and G is the shear modulus. The introduction of helium
into the cavity at a He/vacancy ratio=0.5 (e.g. an
internal pressure of 90 MPa) produces a slightly larger
critical stress of 35 MPa, and corresponds to a stronger
obstacle, with o = 0.14. Future simulations will quantify
the effect of He pressure on the critical stress, as well as
the effect of image interactions from the periodic array
of dislocations.

7. Conclusion

We have outlined a multiscale approach to modeling
radiation damage. The approach, like radiation damage
and its consequences themselves, is inherently hierar-
chical and is based on passing information on parame-
ters and controlling mechanisms up from the electronic
or atomic scales to micro-, meso, continuum and
structural length and time scales. The paper illustrates
the approach with select results from atomic scale
investigations of the behavior and interaction between
SIA clusters/dislocation loops, helium, helium bubbles
and dislocations in iron, vanadium and aluminum using
Finnis-Sinclair and embedded atom method potentials
for the metal-metal interactions and pair potentials fit
to quantum mechanical computations to describe the
metal-helium interactions. The results illustrate a range
of phenomena occurring during irradiation in the fusion
environment that require further investigation and
incorporation into comprehensive microstructural evo-
lution and property change models.

1. MS simulations in iron and vanadium show that
a/2(111) dislocation loops are the lowest energy con-

figuration for STA clusters. However, in iron a{100)
loops are closer in energy to the a/2(1 1 1) loops than
is predicted by dislocation elasticity theory, indicat-
ing the possibility of metastable a(100) loops. The
corresponding energy differences are larger in the case
of vanadium.

2. Reactions between a/2(1 1 1) loops can in certain cir-

cumstances form (1 00) junctions in both vanadium
and iron. In vanadium, the junctions are thermally
unstable and rapidly dissolve as the loops rotate to
form a single a/2(111) dislocation loop. In iron,
the junction is stable over an intermediate tempera-
ture regime and can propagate, to form a a(1 00) dis-
location loop.

3. Atomistic simulations in iron within the framework
of the multiple frequency diffusion model of Le Claire
[28] indicate a thermal diffusion activation energy of
2.35 eV for substitutional helium. The simulations re-
veal that helium is strongly delocalized in a di-va-
cancy-helium complex and that substitutional
helium can exchange with a second nearest neighbor
vacancy with an activation energy of 0.66 eV.

4. MD simulations in iron of the interactions between

substitutional helium and SIA, reveal strong interac-
tions leading to SIA-V recombination and replace-
ment reactions that spontaneously eject helium into
an interstitial site. The simulations indicate strong he-
lium trapping and short time immobility of SIA-He
cluster complexes. For example, the calculated bind-
ing energy of a 6-SIA — interstitial helium cluster
complex is 1.5 eV.

5. MD simulations in aluminum of the interaction be-

tween an edge dislocation and a periodic array of
under-pressurized He bubbles with a mean spacing
of 30 nm, reveals a critical shear stress of 35 MPa
and thus, an obstacle strength, o = 0.14. The disloca-
tion bypass mechanism involves the local annihila-
tion and re-nucleation of partial dislocation
segments, producing a shear step in the bubble.
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